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A B S T R A C T

A series of novel Co-free AlxCrFeMnNi (x=0.5–0.8) high-entropy alloys (HEAs) with trimodal distributions of
coherent B2 precipitates was fabricated. A fundamental investigation on the microstructural evolution and
mechanical properties of these trimodal alloys was conducted. Structural characterization shows that these HEAs
possess complex microstructures consisting of a disordered body-centered-cubic (BCC) matrix and trimodal-size
distributions of the ordered coherent B2 precipitates, (1) the primary B2 (p-B2) precipitates with a mean length
of ∼2 μm located in the interdendritic region, (2) the secondary B2 (s-B2) precipitates with a mean diameter of
∼450 nm, and (3) the tertiary B2 (t-B2) precipitates with a mean diameter of ∼20 nm located in the dendritic
region. The trimodal HEAs exhibit a good combination of high compressive yield strengths of 1091–1200MPa
and the large plasticity (> 45%). The increments of the yield strengths caused by different strengthening me-
chanisms have been quantitatively and respectively estimated and compared with the experimental measure-
ments. The study of the present trimodal BCC-B2 HEAs can provide a useful guidance for the future development
of multimodal BCC-based HEAs with excellent properties.

1. Introduction

The development of the new alloy-design concept plays a crucial
role in the exploration of novel metallic materials with excellent
properties. Recently, many researchers have focused their attention on
the high-entropy alloys (HEAs) and multi-component alloys, which
were first independently and respectively reported by Yeh et al. [1] and
Cantor et al. [2]. Different from the traditional strategy, HEAs are not
based on only one or two principal elements but generally contain at
least five principal elements in equimolar or near-equimolar propor-
tions [3,4]. The equiatomic or near-equiatomic HEA design aims at the
maximization of the configurational entropy with the purpose of sta-
bilizing the solid-solution phase [3]. HEAs are often treated as the
multi-component solid-solution alloys with simple crystal structures,
e.g., the face-center-cubic (FCC) phase, body-center-cubic (BCC) phase,
hexagonal-close-packed (HCP) phase, or their mixtures [1,5–7]. A un-
ique combination of the topological order and chemical disorder in
HEAs can discriminate them from bulk metallic glasses (BMGs) and
conventional crystals in the field of materials science. HEAs display a
variety of technologically-appealing properties, such as the superb
specific strength [4,8], good fatigue behavior [9–12], oxidation and

corrosion resistance [13–17], radiation tolerance [18,19], and super-
conductivity [20,21], etc. Due to these attractive properties, HEAs are
promising candidates for technological applications in many fields,
such as elevated-temperature applications [22], nuclear energy in-
dustry [23], space exploration, and storage of cryogens [24]. Recently,
numerous studies have focused on the mechanical properties and de-
formation mechanisms of the FCC-based HEAs. For example, the ther-
mally-activated process of deformation in the CoCrFeMnNi HEA has
been investigated at room temperature and liquid nitrogen temperature
[25]. The FCC HEAs with good ductility are often treated as the ex-
cellent base for further strengthening through precipitation strength-
ening by adding elements and thermal-mechanical processing [26–28],
grain boundary and dislocation strengthening by severe plastic de-
formation [29,30], etc. However, few dedicated studies about the me-
chanical-performance optimization and the deformation process of the
BCC-based HEAs are available in the literature.
Among HEAs, the BCC-based HEAs often show poor ductility despite

their high strength [31–33]. For instance, the typical equiatomic Al-
CoCrFeNi HEA has a high compression yield strength of 1308MPa and
low plasticity of 5.6%, due to a weave-like microstructure induced by
the spinodal decomposition of BCC and B2 phases [31]. The poor
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ductility limits their use for structural applications. In order to improve
the ductility of these alloys, the density of coherent boundaries between
the BCC and B2 phases can be increased and a multimodal structure
instead of the weave-like microstructure can be designed. On the one
hand, Lu et al. [34,35] have pointed out that some coherent boundaries
can not only block dislocation motion, but also absorb and accom-
modate dislocations. Improving the stability of coherent boundaries can
effectively increase the strength and ductility. Jiang et al. [36] created a
class of ultrastrong steels, with high-density coherent B2 nanoprecipi-
tates, having a tensile strength of up to 2.2 GPa and good ductility of
about 8.2%. The low coherent strain can effectively prevent the crack
initiation at the precipitate-matrix interfaces. Fu et al. [37]. fabricated a
bulk Fe25Co25Ni25Al10Ti15 HEA containing hierarchical intragranular
nanoprecipitates with a high tensile yield strength of ∼1.86 GPa and
failure strain of ∼5.2%. The Fe36Mn21Cr18Ni15Al10 HEA, with the high
density cuboidal B2 ordered particles embedded in a BCC matrix, had a
yield strength of 990MPa and a high compression ductility (> 50%) in
compression [38,39]. On the other hand, the multimodal structure
strategy is effective in optimizing strength and plasticity. The multi-
modal distributions can relax the stress concentration, due to the
crystalline phases with different length scales will have various abilities
to accommodate the local strain upon deformation. Yang et al. [40]
synthesized a novel (Ti63.5Fe26.5Co10)82Nb12.2Al5.8 bimodal titanium
alloy with B2 phase and β-Ti phases, which exhibits the ultrahigh
compressive yield strength of 2050MPa and high compressive plasticity
of 19.7%. In the present work, the trimodal AlxCrFeMnNi (x= 0.5–0.8)
HEAs were fabricated to take advantage of the benefits associated with
coherent boundaries and multimodal structures.
The composition design of the current HEAs based on the cluster-

plus-glue-atom model, which was proposed based on the chemical
short-range orders (CSROs) between solute atoms and solvent atoms
[41,42]. In this model, an alloy structure can be dissociated into a
cluster part and a glue atom part, where the cluster part is the nearest-
neighbor polyhedron centered by a solute atom having strong interac-
tions with the base solvent atoms, and the glue part is the other solute
atoms with weak interactions situating at the interstitial sites between
the clusters. Thus, the structure can be expressed by a cluster formula of
[cluster](glue atom)n, where n is the glue atom number to match one
cluster. The nearest-neighbor cluster for the FCC solid solution is a
CN12 (CN: coordination number) cuboctahedral cluster. A rhombi-do-
decahedron with CN14 is the cluster part for the BCC solid solution.
This cluster-formula approach has been applied to HEAs, and the cluster
model has been validated by neutron experiments [43].
In the Al-Cr-Fe-Mn-Ni system, the mixing enthalpies ( HAB

mix) be-
tween Al and the four transition metals (TMs) show more negative
values than those between TMs (see Ref. [44] or Table 1), which in-
dicates that Al has strong interactions with these TMs, and TMs exhibit
only weak mutual interactions. Consequently, Al and TMs are regarded
as the solute atom and solvent atoms, respectively. The AlxCrFeMnNi
series can be simply expressed by AlxM4, where M=Cr1Fe1Mn1Ni1 is
an equimolar mixing of these TMs. From the cluster formulas of the [Al-
M12](M2Al1) in the FCC structure and the [Al-M14]Al1 in the BCC
structure, one can obtain the alloy composition of Al2M14 [or

Al12.5M87.5, atomic percent (at. %)], which is very close to the upper
limit of the single-phase FCC region (i.e., Al0.5M4 or Al11.1M88.9) from
experiments [45]. Further increasing the Al content can produce a large
lattice distortion. A structural transition from FCC to BCC/B2 phases
will happen to relax the lattice-distortion energy [46]. At the same
time, the morphology of the BCC/B2 phases will also change from the
plate structure to nanophase precipitate and spinodally-decomposed
structure, depending on the observations in other Al-TMs HEA systems,
e.g., AlxCoCrFeNi, AlxCoCrCuFeNi, and AlxCoCrFeMnNi [45–47].
Therefore, in our work, a series of new Al-Cr-Fe-Mn-Ni HEAs are

designed and synthesized, based on the composition formula of AlxM4
(x 0.5). The specific chemical compositions (at. %) of these alloys are
summarized in Table 2. Furthermore, the expensive cobalt was re-
moved to reduce the alloy cost and increase the potential applicability
of the present alloy system. Finally, the novel AlxCrFeMnNi
(x= 0.5–0.8) HEAs were prepared with a BCC matrix and trimodal
distributions of coherent B2 precipitates. A systematic investigation of
the structural evolution, mechanical properties, and strengthening
mechanisms of the trimodal HEAs was conducted.

2. Experimental procedure

The alloy ingots of AlxCrFeMnNi (x= 0.5, 0.6, 0.7, and 0.8) HEAs
(denoted as A5, A6, A7, and A8, respectively) were synthesized by arc-
melting a mixture of pure metals [purity > 99.9 wt percent (wt. %)] in
a vacuum arc melting furnace with a water-cooled Cu crucible under a
Ti-gettered high-purity argon atmosphere. The ingot with a total weight
of about 50 g was remelted at least six times to guarantee the chemical
homogeneity.
The phase identifications, crystal structures, and microstructures of

all the specimens were characterized by the X-ray diffraction (XRD),
scanning electron microscopy (SEM), and transmission electron mi-
croscopy (TEM). A D/MAX-2500/PC diffractometer with the Cu Ka
radiation (λ=1.54Å) was used for the XRD analysis, with a scanning
rate of 4°/min from 20° to 100°. The SEM measurements were per-
formed, using a Hitachi S-4800 microscope. The specimens for the SEM
observation were prepared by grinding with the silicon-carbide paper to
grade 5000, followed by polishing, using the one-micron diamond
paste. Then, the polished surfaces were etched with the aqua-regia
solution (a mixture formed by freshly-mixing the hydrochloric acid and
concentrated nitric acid usually in a volume ratio of 3:1). The TEM
observations were performed, using a FEI Talos F200X apparatus
equipped with an energy-dispersive X-ray spectrometer (EDS) at an
accelerating voltage of 200 kV. The TEM samples were mechanically
ground to a thickness of less than 30 μm, and then further thinning was
made through ion milling, employing a Precision Ion Polisher (Gatan
695.B). Statistical analyses of the volume fraction, average grain size,
and shape factor of the B2 precipitates were performed with at least
three SEM or TEM morphology images, using the Image-Pro Plus soft-
ware [48].
Values of the Vickers hardness of the current HEAs were measured,

employing a HVS-1000 hardness tester under a load of 500 g for 15 s.
The nanoindentation experiments were conducted, using a Hysitron
Triboindenter (TI-900) equipped with a Berkovich diamond tip, with a
maximum load of 7mN under the constant loading rate of 1mN s−1.
The average hardness was taken from at least 10 measurements for each
alloy sample. Cylindrical specimens for compression with the aspect
ratio of 2:1 (ϕ 3×6mm) were prepared, according to ASTM (American
Society for Testing and Materials) standards [49]. Room-temperature
compression tests were conducted on an INSTRON-5982 machine under
a strain rate of 5×10−4 s−1. In order to obtain a real compressive
strain, the machine stiffness must be taken into account. Based on the
previous method [48], the machine stiffness was measured by com-
pressing a 310S stainless steel sample with a known Young's modulus
(205 GPa) in our experiments. Two graphite spacers were inserted be-
tween the test specimens and the compression platform to minimize the

Table 1
Melting point (Ti), shear modulus (μi), atomic radius (ri), and valence electron
concentration (VEC) of the ith element, and the mixing enthalpy of different
atom pairs, HAB

mix(kJ/mol), in the AlxCrFeMnNi HEAs calculated by the
Miedema's approach [44].

Element (Ti, μi, ri, VECi) Al Cr Fe Mn Ni

Al (660.3 °C, 26 GPa, 143 pm, 3) ─ −10 −11 −19 −22
Cr (1907 °C, 115.1 GPa, 128 pm, 6) ─ ─ −1 2 −7
Fe (1538 °C, 81.4 GPa, 126 pm, 8) ─ ─ ─ 0 −2
Mn (1246 °C, 39 GPa, 127 pm, 7) ─ ─ ─ ─ −8
Ni (1455 °C, 80 GPa, 124 pm, 10) ─ ─ ─ ─ ─
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errors resulting from the friction problem of both ends. To ensure the
reliability and accuracy, at least 4 measurements were carried out for
each alloy sample.

3. Results and discussion

3.1. Microstructural characteristics

The XRD patterns of the present A5, A6, A7, and A8 HEAs are shown
in Fig. 1. The results indicate the presence of a BCC phase and an or-
dered B2 phase (based on superlattice reflections) in these HEAs. The
microstructures of the four HEAs are investigated by the SEM images
presented in Fig. 2. Low-magnification SEM images [see Fig. 2(a), (d),
(g), and (j)] show that all of the four alloys have dendritic (DR) and
interdendritic (ID) structures. The ID regions contain many rod-shaped
precipitates with a length of about 2 μm for each alloy, as presented in
Fig. 2(b), (e), (h), and (k). While within the DR regions, a large number
of near-spherical precipitates with the size of about 400 nm are em-
bedded in the matrix. The higher-magnification images of the DR re-
gions [see Fig. 2(c), (f), (i), and (l)] indicate that a large amount of
small precipitates with the size of about 20 nm also dispersedly dis-
tribute in the matrix. The distribution and morphology of the pre-
cipitates are similar among the four alloys. However, the volume
fractions of the ID and DR regions show a great change by adjusting the
Al content in the present alloy system, as exhibited in Fig. 3. For in-
stance, the volume fraction of the ID region is estimated to be only
18.9% in the A5 alloy. In comparison, increasing the Al content can
lead to the value significantly increasing to about 46.6% in the A8 alloy.
The EDS elemental-mapping analysis performed on the A8 alloy is

presented in Fig. 4. It is clear that the rod-shaped (ID region) and near-
spherical (DR region) precipitates are enriched in Al and Ni. The matrix

phase is enriched in Cr and Fe. The Mn element is nearly uniformly
distributed in the precipitate phase and the matrix. Depending on
previous reports in other Al-TMs HEA systems [45–47,50], the ordered
B2 phase enriched in Al and Ni is favorable to be formed due to the
negative mixing enthalpy of - 22 kJ/mol (see Table 1), and the dis-
ordered BCC phase is enriched in Cr and Fe. Accordingly, for the current
HEA system, it is possible to suggest that the Al-Ni-rich precipitates are
the ordered B2 phase, and the Cr-Fe-rich matrix is the disordered BCC
phase. Here, we denote the rod-shaped precipitates, near-spherical
precipitates, and small spherical precipitates as the primary B2 (p-B2)
phase, secondary B2 (s-B2) phase, and tertiary B2 (t-B2) phase, re-
spectively.
In order to further reveal the phase structures of these HEAs in

details, the TEM observations were performed. Due to the similar mi-
crostructures of the present four trimodal HEAs, we just display the
TEM results of the A5 alloy as a representative, as shown in Figs. 5 and
6. In the A5 alloy, the bright-field image of the DR region [Fig. 5(a)]
and the high-magnification image [Fig. 5(b)] indicate that the near-
spherical s-B2 precipitates (about 300–500 nm in diameter) and small
spherical t-B2 precipitates (about 10–50 nm in diameter) are dispersed
in the matrix. The crystal structure of the s-B2 precipitates can be
identified as the ordered BCC phase by the unique (1̄00 and 01̄0)B2 su-
perlattice reflections in the selected-area electron diffraction (SAED)
patterns, as exhibited in Fig. 5(c). The coherent interface between the s-
B2 phase and BCC matrix was examined using HRTEM observation, and
the result was shown in Fig. 5(f). The corresponding fast Fourier
transform (FFT) images of different area are also presented, indicating
the disordered BCC matrix and the ordered s-B2 phase with the {100}
superlattice reflections. The FFT image at the interface and the SAED
patterns along the [001] zone axis [see Fig. 5(d) and (e)] indicated that
the s-B2 and t-B2 phases are actually coherent with the BCC matrix. The
rod-shaped p-B2 precipitates (about 2 μm in length) in the ID region are
embedded in the matrix, as presented in Fig. 6(a). The TEM results
show a good agreement with the SEM observations (Fig. 2). The
HRTEM image and the corresponding FFT images are presented in
Fig. 6(b). The superlattice diffractions in the FFT pattern of the pre-
cipitate indicate that the p-B2 precipitate was an ordered BCC phase.
The results also clearly reveal the interfacial coherence between the p-
B2 phase and BCC matrix. The similar morphology for the three ordered
B2 phases embedded coherently in the disordered BCC matrix has also
been observed in the other three HEAs.
To identify the chemical compositions of these B2 precipitates and

BCC matrix in the present HEAs, we performed the TEM-EDS point
analysis, and the final results are summarized in Table 3. One can note
the higher concentrations of Al and Ni in these B2 phases and Cr and Fe
in the BCC matrix, which are consistent with the results of EDS maps
(Fig. 4).
In summary, the SEM and TEM observations indicate that the pre-

sent four HEAs possess microstructures consisting of a BCC matrix and
the trimodal distributions of coherent B2 precipitates with three orders
of magnitudes in the size distributions [i.e., (1) 100 μm for the p-B2

Table 2
Data summary for AlxCrFeMnNi (x=0.5, 0.6, 0.7, and 0.8) HEAs, including the chemical compositions, mixing entropy (ΔSmix), mixing enthalpy (ΔHmix), atomic-size
mismatch (δ), regular solution-interaction parameter (Ω), valence electron concentration (VEC), and phase constitution.

No. M Chemical compositions
(at. %)

ΔSmix ΔHmix δ Ω VEC Phase

(J/mol/K) (kJ/mol) (%) constitution

1 Al0.5CrFeMnNi Al11.11Cr22.22Fe22.22Mn22.22Ni22.22 13.15 −9.28 4.25 2.42 7.22 BCC matrix
(A5) + B2 phases

2 Al0.6CrFeMnNi Al13.04Cr21.74Fe21.74Mn21.74Ni21.74 13.24 −10.06 4.52 2.23 7.13 BCC matrix
(A6) + B2 phases

3 Al0.7CrFeMnNi Al14.89Cr21.28Fe21.28Mn21.28Ni21.28 13.31 −10.76 4.75 2.08 7.04 BCC matrix
(A7) + B2 phases

4 Al0.8CrFeMnNi Al16.67Cr20.83Fe20.83Mn20.83Ni20.83 13.35 −11.39 4.95 1.95 6.96 BCC matrix
(A8) + B2 phases

Fig. 1. XRD patterns of the as-cast A5, A6, A7, and A8 HEAs.
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precipitates, (2) 10−1 μm for the s-B2 precipitates, and (3) 10−2 μm for
the t-B2 precipitates], which is similar to the multimodal distribu-
tions produced in nickel-base superalloys [51,52]. By adjusting the

concentration of the Al element, the phase constitutions (see Fig. 1 or
Table 2) and the trimodal distribution of coherent B2 precipitates have
not changed. The B2 precipitate geometrical parameters, including the
average size and volume fraction, show different values in A5, A6, A7,
and A8 HEAs. A detailed analysis about the effect of the Al con-
centration on the structural evolution will be discussed in the next
section.

3.2. Effect of the Al concentration on the structural evolution

The Al element, as a strong BCC stabilizer, has a great influence on
the crystal structures and microstructures of the conventional alloys
and HEAs [45–47,53,54]. For instance, the addition of the large Al
element into the FCC-CoCrFeNi(Mn) alloy can not only promote the
formation of the BCC phase, but also change the microstructure from
the large grains to dendritic structure and spinodally-decomposed
structure [45,46]. In the present work, a detailed analysis of the Al
concentration on the phase-structure formation and microstructural
evolution of the designed trimodal HEAs will be performed.
Recently, researchers have proposed a couple of criteria to predict

the phase formation in HEAs. From a thermodynamic point of view,
Yang et al. [55] and Zhang et al. [56] have suggested two effective
criteria, Ω-δ and ΔHmix-δ, for achieving solid-solution phases in HEAs,
where = T S H/m mix mix is the regular solution-interaction

Fig. 2. SEM microstructures of the as-cast A5 (a–c), A6 (d–f), A7 (g–i), and A8 (j–l) HEAs.

Fig. 3. The volume fractions of DR and ID regions in A5, A6, A7, and A8 HEAs.
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parameter, = =T c T( )m i
n

i m i1 , T( )m i is the melting point of the ith con-
stituent element (see Table 1), = =S R c c( ln )mix i

n
i i1 is the mixing

entropy of an n-component HEA, R is the gas constant;
= =H H c c4mix i i j

n
AB
mix

i j1, is the mixing enthalpy, HAB
mix is the en-

thalpy of mixing the ith and jth components, based on the Miedema's
approach [44], ci and cj are the atomic percentages of the ith and jth

components; and = = ( )c 1i
n

i
r
r1 ¯

2i is the atomic-size difference of

the HEA, = =r c r¯ i
n

i i1 is the average atomic radius, and ri is the atomic
radius of the ith component (see Table 1). For the current trimodal
HEAs, the calculated values of these physical parameters are listed in
Table 2. According to the criteria of Ω-δ and ΔHmix-δ, stable solid-

Fig. 4. SEM images and EDS maps of the alloy elements of Al, Cr, Fe, Mn, and Ni for the A8 HEA.

Fig. 5. TEM observations of the DR region in the A5 alloy. The bright-field image of the DR region (a) and the high-magnification image (b) show that the s-B2 and t-
B2 precipitates are embedded in the BCC matrix; and the corresponding SAED patterns of the s-B2, t-B2, and BCC phases are presented in (c)–(e) along the [001] zone
axis. (f) HRTEM image of the interface indicated by the white line between the s-B2 and BCC matrix in the DR region, the corresponding FFT patterns are also
presented.
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solution phases are formed in the region of 1.1 and 6.6%, and
−15 kJ/mol< ΔHmix<5 kJ/mol and δ<5% [55,56], using the
available data from various HEA systems. As seen from Table 2, these
trimodal HEAs should form solid-solution phases. However, these alloys
form both disordered BCC phase and ordered B2 phase, suggesting that
the two criteria cannot be used to predict these alloys with BCC/B2
phases. Moreover, another parameter, the valence electron concentra-
tion (VEC), has been proposed to predict the stability of FCC and BCC
phases in HEAs [57]. VEC for the multi-component HEAs is calculated
by = =VEC c VEC( )i

n
i i1 , where (VEC)i is the VEC value of the ith

component element (see Table 1). The BCC phase is stable if VEC ≤
6.87, while the FCC phase is stable if VEC ≥ 8. A mixture dual-phase
microstructure containing both BCC and FCC phases is favored when
6.87 < VEC<8. However, these present trimodal HEAs with VEC<
7.3 (see Table 2) exhibit a dual-phase structure with BCC and B2
phases, which is similar to the range (VEC < 7.35) of Al-Ni-Co-Fe-Cr
BCC/B2 HEAs [48]. Therefore, we need more exquisite criteria to de-
scribe the separation of BCC and B2 phases in HEAs.
Both the SEM and TEM observations have suggested that the addi-

tion of the Al element could change the size and morphology of the
ordered B2 precipitates in the present trimodal HEAs. Histograms of the
particle-size distributions of these B2 precipitates were shown in Figs. 7
and 8. Apparently, the three B2 precipitates in the designed HEAs
possess the typical trimodal distribution: (1) p-B2 precipitates with a
diameter distribution range of 200–1400 nm [Fig. 7(a)] and a length
distribution range of 1000–5000 nm [Fig. 7(b)], (2) s-B2 precipitates
with a diameter distribution range of 200–900 nm [Fig. 8(a)], and (3) t-
B2 precipitates with a diameter distribution range of 5–50 nm
[Fig. 8(b)]. The average particle size of these B2 precipitates in each

HEA is calculated and summarized in Table 4. One can note that the
average diameter of the three B2 precipitates decreases with increasing
the Al content (from A5 to A8 alloys). Depending on Santodonato
et al.‘s research [58], the Al-Ni and Cr-Fe atomic pairs in the liquid
phase of Al-TMs HEA systems are much more likely to be found as the
nearest-neighbour pairs, which can be viewed as precursors for nucle-
ating the segregated Al-Ni-enriched B2 phase and Cr-Fe-enriched BCC
phase. Thus, increasing the Al content can increase the nucleation rate
of the Al-Ni phase, which can increase the number density of the B2
precipitates and refine the particle size. Apart from the difference of the
average particle size, these coherent B2 precipitates also display three
different morphologies. The equilibrium shape of a precipitate is de-
termined by minimizing the sum of the interfacial and elastic energies
[59,60]. The symmetry of the precipitates (from t-B2 to s-B2 to p-B2
structures) is gradually reduced.

3.3. Mechanical properties

Compression and hardness tests were conducted to examine the
mechanical properties of the current HEAs. The compression true stress-
strain curves and Vickers hardness tested at room temperature are de-
picted in Fig. 9. With increasing the Al content, the yield strength in-
creases from 1091MPa (the A5 alloy) to 1200MPa (the A8 alloy). A
high compression plasticity (> 45%) in these designed HEAs is ob-
served, which is attributed to the strong work-hardening ability. It is
apparent that these trimodal HEAs exhibit superior compressive me-
chanical properties. The Vickers hardness also shows a slight increase
from 353 HV (A5 alloy) to 386 HV (A8 alloy). It is noted that the

Fig. 6. TEM observations of the ID region in the A5 alloy. The bright-field image of the ID region (a) show that the p-B2 precipitates are embedded in the BCC matrix.
(b) HRTEM image of the interface indicated by the white line between the p-B2 and BCC matrix in the DR region, the corresponding FFT patterns are also presented.

Table 3
Chemical compositions and crystal structures of different phases in the AlxCrFeMnNi HEAs by EDS (at.%).

Alloys Phases Chemical compositions (at.%)

Al Cr Mn Fe Ni

A5 BCC (matrix) 6.55 ± 0.39 26.53 ± 0.45 22.52 ± 0.41 24.31 ± 0.35 20.09 ± 0.58
t-B2 13.62 ± 0.53 19.54 ± 0.48 21.01 ± 0.61 20.02 ± 0.52 25.81 ± 0.46
s-B2 13.38 ± 0.47 20.98 ± 0.51 20.28 ± 0.43 19.74 ± 0.39 25.62 ± 0.33
p-B2 13.72 ± 0.46 20.22 ± 0.43 20.34 ± 0.53 20.37 ± 0.35 25.35 ± 0.41

A6 BCC (matrix) 7.54 ± 0.49 26.22 ± 0.60 22.08 ± 0.58 25.78 ± 0.43 18.38 ± 0.23
t-B2 16.54 ± 0.57 18.97 ± 0.44 19.50 ± 0.52 19.55 ± 0.38 25.44 ± 0.63
s-B2 16.48 ± 0.64 18.64 ± 0.55 19.69 ± 0.47 18.75 ± 0.34 26.44 ± 0.47
p-B2 16.69 ± 0.34 19.01 ± 0.44 20.20 ± 0.36 18.32 ± 0.37 25.78 ± 0.43

A7 BCC (matrix) 8.93 ± 0.58 26.70 ± 0.62 21.57 ± 0.46 26.74 ± 0.56 16.06 ± 0.50
t-B2 18.93 ± 0.64 17.01 ± 0.61 19.88 ± 0.59 19.52 ± 0.49 24.66 ± 0.57
s-B2 18.22 ± 0.44 17.45 ± 0.56 19.84 ± 0.61 18.81 ± 0.38 25.68 ± 0.59
p-B2 18.87 ± 0.38 18.04 ± 0.44 19.35 ± 0.52 17.89 ± 0.45 25.85 ± 0.50

A8 BCC (matrix) 10.06 ± 0.61 27.49 ± 0.58 20.94 ± 0.57 27.50 ± 0.49 14.01 ± 0.55
t-B2 20.30 ± 0.54 17.29 ± 0.64 19.57 ± 0.39 18.30 ± 0.52 24.54 ± 0.58
s-B2 20.06 ± 0.58 17.23 ± 0.64 18.96 ± 0.46 17.26 ± 0.50 26.29 ± 0.60
p-B2 21.71 ± 0.48 16.18 ± 0.59 18.46 ± 0.39 17.15 ± 0.34 26.50 ± 0.55
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relationship between the microhardness and the yield strength obeys
well the Tabor relationship [61], namely =HV c y. The calculated
proportional coefficient, c, of the four HEAs is about 3.2, which is si-
milar to that in these conventional steels, (FeCoNiCrMn)100-xAlx [46],
and Al-Ni-Co-Fe-Cr HEAs [48]. The nanoindentation tests conducted in
the DR region and ID region of the A8 alloy showed a small difference
in nanohardness values, ∼5.3 GPa and ∼5.7 GPa, respectively.

3.4. Strengthening mechanisms

For the present trimodal HEAs, many strengthening mechanisms are
active concurrently, including the solid-solution strengthening (ΔσS),
precipitation strengthening (ΔσP), and precipitate size strengthening
(ΔσG). The increase of the yield strength is a summation of the in-
dividual contributions, given by:

Fig. 7. The distributions of diameter (a) and length (b) for the p-B2 precipitates of the current four trimodal HEAs.

Fig. 8. Particle-size distributions for the s-B2 precipitates (a) and t-B2 precipitates (b) of the current four trimodal HEAs.
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= + + +Y S P G0 (1)

where σ0 is the intrinsic strength of the present HEAs. Predictions of the
contribution of each strengthening mechanism for these trimodal HEAs
are described below.

3.4.1. Solid-solution strengthening
In traditional alloys, solid-solution strengthening arises from the

interactions of the solute atoms and moving dislocations, as described
by Fleischer [62] and Labusch [63]. However, for the multi-component
HEAs, viewed as specific cases of non-dilute random solid solutions, the
“solvent” and “solute” terms lose their conventional meanings. There-
fore, the Fleischer's and Labusch's approaches are not appropriate for
the multi-component systems. Gypen and Deruyttere [64] proposed a
new methodology to calculate the solution strengthening in multi-
component alloys, which can be expressed as:

= B Xs
i

i i
3/2

2/3

(2)

where Bi is the hardening parameter of the ith element, and Xi is its
atomic fraction. This approach has been successfully applied in recent
studies of multi-component Mg alloys [65] and HEAs [66].

= = +B µ Z3 ; ( )i i i i i
4/3 2 2 2 1/2

(3)

Here, μ is the shear modulus of the alloy, Z is a fitting constant [65], and
εi is a function of the elastic misfit i and the atomic-size misfit δi, = 4
for the BCC metals, and κ=16 is taken for Labusch's approximation.

=
+

= µ
X µ1 0.5

; d
d

1
i

i

i
i

i (4)

where the modulus misfit, ηi, for multi-component alloys can be ap-
proximated by Ref. [66]:

=
+

=
µ µ
µ µ

µ X µ2 ;i
i HEA

i HEA
HEA

i

n

i i
(5)

where μi is the shear modulus of the ith element (see Table 1 or [67]),
and μHEA is the shear modulus of the HEA. The atomic-size misfit, δi, is
described as:

=
X

d
d

1
i

i (6)

where α is the cell parameter of the alloy. The atomic-size misfit for
HEAs is calculated, employing the method as in Ref. [66]. The detailed
equations are given in Appendix A.
The solid-solution strengthening theory for the multicomponent B2

phase is not available in the literature. Here, we use the above approach
as estimates for these B2 precipitates. For the present trimodal HEAs,
solid-solution strengthening in both the B2 precipitates and BCC phase
should be included in the calculations of the overall yield strength.

= + + +f f f fS BCC s
BCC

t B s
t B

s B s
s B

p B s
p B

2
2

2
2

2
2

(7)

where fBCC, ft-B2, fs-B2, and fp-B2 are the volume fractions of BCC, t-B2, s-
B2, and p-B2 precipitates, respectively, as listed in Table 4. The cal-
culated values of ΔσS for the current HEAs are summarized in Table 5.

3.4.2. Precipitation strengthening
Based on the interaction between the dislocations and precipitates,

the precipitation-strengthening mechanism can be either precipitate
shearing or Orowan by-passing. Generally, the shearing mechanism
occurs when the precipitates are coherent and small, while the Orowan
mechanism would dominate, when the precipitates are large or in-
coherent with the matrix.
For the shearing mechanism, there are three contributing factors to

the increase in the yield strength, including the coherency strength-
ening (Δσcs), modulus-mismatch strengthening (Δσms), and order
strengthening (Δσos). The former two factors (Δσcs and Δσms) make
contributions prior to the shearing of the precipitates, while the latter
one (Δσos) contributes during shearing. In this case, the total strength
increment from the precipitate shearing is determined by the larger of
Δσcs+ Δσms or Δσos. The equations of the three factors are expressed as

Table 4
Data summary of the three ordered B2 precipitates and BCC matrix in the de-
signed trimodal HEAs, including the lattice constant (α), Burger's vector (b),
lattice misfit (ε), the average size (r) of the B2 precipitate, the length (l) of the
rod-shaped p-B2 precipitate, and the average volume fraction of B2 precipitates
in the alloy (f) and in the ID or DR region (fID/DR).

Alloys Phases α (Ǻ) b (Ǻ) ε (%) r (nm) l (μm) fID/DR
(%)

f (%)

A5 BCC
(matrix)

2.8857 2.4991 ─ ─ ─ ─ 19.2

p-B2 2.9011 2.5124 0.53 580 1.83 81.5 15.3
s-B2 2.8986 2.5103 0.45 530 ─ 59 47.8
t-B2 2.8978 2.5096 0.42 22 ─ 53 17.6

A6 BCC
(matrix)

2.8878 2.5009 ─ ─ ─ ─ 18.9

p-B2 2.9025 2.5136 0.50 510 2.04 80 26.8
s-B2 2.8995 2.5110 0.40 485 ─ 60 39.9
t-B2 2.8998 2.5113 0.41 21 ─ 54 14.4

A7 BCC
(matrix)

2.8962 2.5082 ─ ─ ─ ─ 22.5

p-B2 2.9098 2.5199 0.47 480 2.30 81 33.0
s-B2 2.9075 2.5180 0.39 450 ─ 63 33.6
t-B2 2.9078 2.5182 0.40 20 ─ 55 10.9

A8 BCC
(matrix)

2.9002 2.5116 ─ ─ ─ ─ 16.5

p-B2 2.9128 2.5226 0.43 395 2.52 81.5 38.0
s-B2 2.9123 2.5221 0.41 415 ─ 65 34.7
t-B2 2.9114 2.5213 0.39 17 ─ 58 10.8

Fig. 9. Compression true stress-strain curves and the Vickers hardness of the
four HEAs.

Table 5
Summary of the increments of the yield strength contributions from the dif-
ferent strengthening mechanisms, including the solid-solution strengthening
(ΔσS), precipitate-shearing strengthening for t-B2 precipitates (Δσt-B2 P),
Orowan by-passing strengthening for s-B2 precipitates (Δσs-B2 P), and pre-
cipitate size strengthening (ΔσG). The units of the values in this table are MPa.

A5 A6 A7 A8

ΔσS 111 115 118 122
Δσt-B2 P 290 233 193 168
Δσs-B2 P 319 297 330 355
ΔσG 127 235 287 359
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[68–70]:

= M G rf
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1/2

(8)
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= M
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2

3
8os
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1/2
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where M (= 2.73 for the BCC structure) is a Taylor factor, αε=2.6 (a
constant), εc=2ε/3 is the constrained lattice misfit, m=0.85, G is the
shear modulus of the matrix, ΔG is the shear-modulus mismatch be-
tween the matrix and precipitate, r, f, =b 3 /2, and γAPB are, re-
spectively, the average size, volume fraction, Burgers vector, and anti-
phase boundary energy of the precipitates. For the present HEAs, the
strength increment can be obtained using γAPB=0.25 J/m2 [71],
G=83GPa (for α-Fe) [72], and ΔG=83 - 80 GPa (the shear modulus
of the B2-NiAl phase is G=80GPa [73]).
For the Orowan mechanism, the strength increment due to dis-

location looping around the precipitates is given by Refs. [74,75]:

=
( )MGb0.4

1

ln
or

r
b

2 2 / 3

(11)

where υ=0.3 is the Poisson's ratio of the BCC HEAs [48], and λ is the
inter-precipitate spacing, which is defined as [76]:

=
f

r3
4

1.64
(12)

As suggested in Refs. [48,77], the shearing and Orowan by-passing
mechanisms are in parallel and independent to each other. The
strengthening is given by the smaller of the two mechanisms. For the t-
B2 precipitates of the current HEAs, strengthening caused by the two
mechanisms are plotted as a function of r with a fixed f, as shown in
Fig. 10. This figure predicts that Δσos is dominant for r less than
∼20 nm, Δσcs + Δσms for r between 20 nm and r0, and Δσor for r larger
than r0. The values of the critical size (r0) for the strengthening me-
chanism changing from the precipitate shearing to Orowan mechanism
for the t-B2 precipitates are 75 nm (A5 alloy), 79 nm (A6 alloy), 84 nm
(A7 alloy), and 92 nm (A8 alloy), respectively. The results are con-
sistent with some other B2/BCC HEAs with coherent B2 precipitates,
such as Al12.5Ni17.5Co17.5Fe35Cr17.5 (r0=60 nm, f=0.4) [48],
Al12.5Ni17.5Co17.5Fe17.5Cr35 (r0=88 nm, f=0.55) [48], and
Al0.7CoCrFe2Ni (r0=71 nm, f=0.4) [78]. The particle size of the t-B2
in each alloy is smaller than 50 nm and their strength is thus predicted

to be controlled by the shearing mechanism. The size parameters of the
t-B2 precipitates are listed in Table 4. After the calculation, the values
of Δσcs+ Δσms for the A5, A6, A7, and A8 alloys are 855MPa, 820MPa,
786MPa, and 703MPa, respectively. The values of Δσos for the A5, A6,
A7, and A8 alloys are 870MPa, 878MPa, 883MPa, and 900MPa, re-
spectively. The strength increment from the coherency and modulus-
mismatch strengthening is noted to be less than that from order
strengthening (i.e., Δσcs + Δσms < Δσos), suggesting the order
strengthening dominates the shearing mechanism in the current HEAs.
For the larger s-B2 precipitates (r≈450 nm), it is difficult for the

dislocations to shear the precipitates (Δσcs + Δσms > Δσor). The
Orowan mechanism will dominate in the s-B2 precipitates. The values
of b, f, and r for the s-B2 precipitates are shown in Table 4. Through the
above two Equations (11) and (12), the strengthening increment from
the Orowan mechanism in each alloy can be obtained.
Finally, the precipitation strengthening resulting from the pre-

cipitate shearing (t-B2 precipitates) and Orowan by-passing (s-B2 pre-
cipitates) mechanisms in the current HEAs can be written as:

= + = +f f f(1 )P P
t B

P
s B

DR
s B

DR os
t B

DR or
s B2 2 2 2 2 (13)

Here, fDR is the volume fraction of the DR region (see Fig. 3), fDR
s B2 is

the volume fraction of the s-B2 precipitates in the DR region (Table 4),
and f(1 )DR

s B2 is the volume fraction of the t-B2 + BCC matrix in the
DR region. The calculated values for the precipitation strengthening in
each HEA are presented in Table 5.

3.4.3. Precipitate size strengthening
The Orowan equations are not suitable for the p-B2 precipitates due

to the high length-to-diameter ratio for these precipitates. However, the
precipitate size strengthening is a feasible method of estimating the
strength contribution from these large primary precipitates in ID re-
gions, just as shown in Ref. [51]. The strengthening mechanism is at-
tributed to the existence of a high volumetric density of p-B2/BCC grain
boundaries as sources of dislocations and barriers to deformation. In
principle, this strengthening mechanism obeys the Hall-Petch re-
lationship [79]: = Kd 1/2, where K is the Hall-Petch coefficient, and
d is the average grain size. For the present HEAs, the ID regions possess
a high density of grain boundaries created by the p-B2 precipitates. To
account for the geometric anisotropy, the strength increment from these
p-B2 precipitates is given by:

= +f Kr f Kl2
3

1
3G ID ID

1/2 1/2
(14)

where fID is the volume fraction of the ID region (see Fig. 3), K is taken
as 0.6MPam1/2 (for α-Fe) [80,81], r and l are the diameter and length
of the p-B2 precipitates (Table 4). This equation is an approximate es-
timation of the p-B2 precipitates contribution on the overall strength.
The calculated values of the strength increments for each HEA are
shown in Table 5.
Based on the discussion above, the predicted values of the strength

contributions from each individual mechanism are summarized in
Table 5. One can note that the three kinds of B2 precipitates offer the
largest strength increment for the present trimodal HEAs. The pre-
cipitation strengthening is the dominate mechanism in the current
HEAs.

4. Conclusions

In this study, we have successfully fabricated a series of novel
AlxCrFeMnNi (x= 0.5–0.8) HEAs with trimodal distributions of co-
herent B2 precipitates. The microstructural evolution, phase transition,
mechanical properties, and strengthening mechanisms of the designed
HEAs have been studied systematically. The following conclusions are
drawn:

(1) The SEM and TEM analyses indicate that the ordered B2
Fig. 10. Computations of Δσos, Δσcs + Δσms, and Δσor as a function of the par-
ticle size, r, for the current HEAs.
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precipitates with trimodal distributions coherently distribute within
the disordered BCC solid-solution matrix for the designed HEAs.
The trimodal-size distributions of the B2 precipitates contain: (a)
the t-B2 precipitates with a mean diameter of ∼20 nm, (b) the s-B2
precipitates with a mean diameter of ∼450 nm located in the DR
region, and (c) the p-B2 precipitates with a mean length of ∼2 μm
located in the ID region. Adjusting the Al content does not change
the phase constitutions and the trimodal microstructures, but the
average size and volume fraction of these precipitates show slight
changes.

(2) These trimodal BCC/B2 HEAs exhibit a good combination of the
high compressive yield strength (1091–1200MPa) and large plas-
ticity (> 45%).

(3) Using extant strengthening theories, the strengthening mechanisms

of the designed HEAs are quantitatively analyzed in terms of the
solid-solution strengthening, precipitation strengthening, and pre-
cipitate size strengthening. The large strength contributions result
from the three kinds of B2 precipitates. Precipitation strengthening
mechanisms play major roles in strengthening the HEAs.
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Appendix A

For the multi-component HEAs, there is a variation of the interatomic distance in the crystal lattice around its mean unit cell parameter [66]. The
atomic-size misfit is related to the crystal-lattice distortion by the constituent elements. The interatomic spacing between atoms (s) is proportional to
the cell parameter (α), as follows:

=s (A.1)

where ψ is a packing factor for different crystal structures, = 3 /2 for the BCC alloys, and = 1/ 2 for FCC alloys. Thus, Eq. (6) can be converted
to:

= s
X s

d
d

1
i

i (A.2)

The average interatomic spacing, save, of the alloy is approximated by:

= =s s X X X X
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(A.3)

where sij is the interatomic spacing between atoms of types, i and j, sii and sjj are the interatomic spacings of pure elements, i and j. The average
interatomic spacing, sbin

ave, of the binary alloy can be calculated via the cell parameter, αbin, in Eq. (A.4). Thus, the interatomic spacing, sij, can be
obtained, using the form of Eq. (A.3) in the binary system, which now becomes:

= = + +s s X s X X s X2bin
ave

bin ii i ij i j jj j
2 2 (A.4)

The calculation of the unit-cell parameter, αbin, of a binary system is based on the Lubarda's approach [67], which is expressed as:

= + R X n C4bin i
3 3

1/3

(A.5)

where α is the solvent atom unit cell parameter, R is its Wigner-Seitz atomic radius, n is the number of atoms per unit cell, and the atomic volume is
ζα3/n, ζ is a constant based on the crystal structure, and the parameters, γ and C, are defined by:

= + = =µ
k

C R R
R

C R R
R

1 4
3

; 1 ; 1
i

i

i

i

(A.6)

where μ and μi are the shear moduli of the solvent and solute, and k and ki are the bulk moduli of the solvent and solute, respectively. The
corresponding values of the above parameters for the constituent elements in the present HEAs are shown in Ref. [67]. Finally, the atomic-size misfit
by each element can be obtained through Eqs. (A.2) and (A.3).
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